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The paper reviews the wear behaviour of oxide ceramics. Wear maps are considered and
consequently mild and severe wear are defined. Since the use of ceramics in engineering
applications require operation in the mild wear regime, the paper concentrates on mild
wear mechanisms, but also considers factors which control the transition to severe wear.
Within the mild wear regime, the formation of tribofilms are discussed and the manner in
which dislocation activity leads to the wear transition is considered. The wear of so-called
ceramic nanocomposites, for which no time dependent wear transition has yet been
observed, is considered and the reasons for enhanced performance discussed. The role of
transformation toughening in zirconia ceramics is considered in detail, and reasons for the
generally poor wear response of these materials defined.
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1. Introduction
For structural ceramics, the only manufacturing sector
that has seen major growth is in tribological applica-
tions. This has largely been because of the pressure to
produce components with longer life times and/or re-
duced servicing down time. In many cases, the only
realistic option in achieving greater performance from
a metal tribo-element has been to replace it by a ce-
ramic component, where the high hardness (typically
>16 GPa), potentially low friction and excellent cor-
rosion resistance are three of the most important ma-
terial attributes. While the low fracture toughness of
ceramics has hindered much of their use in structural
applications where a tensile stress is dominant, it has
been found that low fracture toughness is less of a
problem in tribological applications. Ceramics have
proved reliable in a range of demanding applications,
such as mechanical seals (Al2O3, Si3N4, SiC), pros-
thetic devices (Al2O3, Al2O3-ZrO2) and ball bearings
(Si3N4), among many examples. Nevertheless, frac-
ture toughness does remain a major concern to design
engineers and consequently the uptake of these ma-
terials has been slower than it might otherwise have
been.

The gradual increase in the use of ceramics in engi-
neering components has somewhat lagged behind the
substantial academic interest in the tribological prop-
erties of these materials, with a large data base of
mechanistic understanding ensuing [1–90]. The wear of
ceramics has been broadly separated into ‘mild’ and
‘severe’ [1, 3], which, unlike the metal equivalent, are
well defined, see Section 3. The evidence to date sug-
gests that a ceramic will be useful as a commercial
tribological component provided the specific wear rate
is <10−6 mm3/Nm, which is the upper limit for mild
wear [1, 3].

The understanding of the material removal mecha-
nisms in the mild regime has not received sufficient
attention, despite being the most important, and con-
sequently is the least understood area. The majority of
wear studies report the worn surface structures and spe-
cific wear rates that place them firmly in the severe wear
regime and are therefore of little use in commercial ap-
plications. The mild wear regime leads, by definition,
to smoothing of the worn surface. It remains far from
clear exactly how material is lost as wear debris in such
a way that the asperity height is reduced.

The formation of surface layers (also referred to
as tribo-layers, transfer layers, compacted layers and
many other descriptions) is a common observation and
such layers are known to modify both friction and wear
behaviour (see [2] and references therein). However,
the origins of such layers may be quite different, de-
pending on whether they arose from compaction of
wear debris or from reaction of the substrate with the
environment. In all cases, the structure is very differ-
ent to that of the substrate, and consequently it is not
surprising that they strongly influence wear. However,
there remains much work to do on the understand-
ing of the properties of such films and consequently
how they can be modified to minimise friction and
wear. This review will consider the current knowledge
with respect to surface films in the mild wear regime,
in particular those formed through reaction with the
substrate, that appear to be a fundamental aspect of
mild wear. However, the nature of layers that result
from compaction of wear debris in the severe wear
regime will not be considered for the reasons given
above.

Most ceramics exhibit a wear transition from mild
to severe wear, at some critical load (although this
load depends on material, time of operation, sliding
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speed and environment) [13, 26–28]. The transition
is characterised by an increase in wear, often several
orders of magnitude, and is associated with the onset
of brittle fracture at the surface [6, 7, 12, 13, 25–27].
The specific wear rate in the severe regime is typically
>10−4 mm3/Nm, which is therefore easily separated
from the mild wear regime (although values closer to
10−6 mm3/Nm can also be observed, in which case
the term severe wear refers specifically to the surface
roughening associated with fracture; the reasons for this
are discussed later). Since any engineering component
operating in the severe wear regime will have failed,
the severe regime will not be considered in this review.
However, the mechanisms leading up to the transition,
particularly the time dependant aspects are especially
important and will therefore be considered in some
detail.

A parallel issue to the formation of surface films is
the modification of the properties of the ceramic at
its surface (e.g., hardness) by the environment. Free
surface issues have not received much attention, even
though the presence of water can substantially alter the
hardness and crystallography of dislocation slip at the
ceramic surface [13, 16, 17, 33, 35, 36]. This review
will therefore critically examine the limited data in this
area.

The low toughness of ceramics has remained a stum-
bling block for their wider use, although not as much
in tribological applications as structural applications.
Moreover, the wear transition from mild to severe wear
is also obviously related to toughness (albeit in a com-
plex manner), since the transition is associated with
surface fracture. There have been a number of strate-
gies used to improve the reliability of ceramics, falling
into three broad categories: (a) the general reduction in
microstructural scale, particularly grain size, and im-
proved density, in an attempt to reduce the flaw size
within the material; (b) the formation of duplex struc-
tures where one phase has nano-scopic dimensions and
there is a carefully engineered thermal expansivity mis-
match between the phases; (c) transformation tough-
ening. Each area has seen some success. For exam-
ple, Al2O3 hip joint prosthetics are now substantially
more successful than they used to be as a result of a
change in process conditions that has yielded a ce-
ramic with increased density (by HIPing), and a smaller,
more uniform grain size. Similarly, so-called Al2O3-
SiC nanocomposites have been shown to have much
greater resistance to surface fracture, and apparently
the time dependent wear transition found in monolithic
Al2O3 is removed in the nanocomposite. Finally, zirco-
nia based ceramics offer the highest toughness of any
ceramic, but have found very limited success in tribo-
logical applications. All three of these categories will
be examined in this review.

It is not possible to cover all aspects of the wear of
ceramics or all ceramic materials in one article. Conse-
quently, the review will focus on the mild wear regime
and will discuss only oxide based ceramics. While all
wear mechanisms will be discussed, the discussion
of erosion and, as noted above, severe wear will be
limited.

2. Experimental procedure
2.1. Materials
High purity alumina (99.9%) was supplied by Dynamic
Ceramic Ltd. in the form of machined wear pins. The 3
mol% TZP material was manufactured using commer-
cial Dai-ichiTM powders, also supplied in finished form
by Dynamic Ceramic Ltd., Crewe Hall, Crewe, (UK).
The final shape of the wear pins (10 mm diameter round
with 30◦ truncated cone giving a 3 mm diameter con-
tact face) was obtained by diamond grinding, and the
contacting surface was diamond lapped to a high sur-
face finish. The fracture toughness of this material was
8.1 MPa m (measured by indentation, at a load of 30
kg) and the hardness was 11.3 GPa.

Nanocomposites containing 2.5, 5, 10, 15 vol%
SiC were manufactured from Alcan Chemicals Ltd.
(UK) 99.5% Al2O3 and Ibiden Co. (Japan) β-SiC. The
powders were dispersed in distilled water containing
0.2 wt% Dispex A40 dispersant (Allied Colloids) and
ball milled using high purity alumina balls for 24 h. The
slip was cast into a mould, dried and sintered at 1200◦C
for 2 h in argon. Discs were hot pressed in a graphite
die at 1600◦C for 2 h at a pressure of 25 MPa followed
by annealing at 1300◦C for 2 h in argon. This yielded
monolithic ceramics with a density >99.5% theoretical
and composites with >97% theoretical. An additional
monolithic alumina sample was fabricated under iden-
tical conditions but only hot pressed for 1 h (i.e., hot
pressed 1 h at 1600◦C, 25 MPa, followed by annealing
at 1300◦C for 2 h in argon), to yield a ceramic with a
similar grain size to that of the composites. The den-
sity of this monolith was, within experimental error, the
same as the monolith hot pressed for 2 h at 1600◦C.

2.2. Wear testing
Wear testing was undertaken on several different ma-
chines, depending on the quantity of material available.
The most reproducible results were obtained from a tri-
pin-on-disc machine, the full details of which are given
elsewhere [62]. Great care is required in ceramic wear
experiments to ensure that the pins are flat and that each
protrudes from the head to no more than 5 µm of each
other. Despite these precautions, the initial apparent
contact area is unavoidably relatively small and there-
fore the true contact stress would have been higher than
expected from the applied load and specimen geometry.
Tests were undertaken under dry sliding and distilled
water lubrication. Loads were varied in the range 6–
50 N/pin. In most cases, a sliding speed of 0.24 m/s
was used (other speeds are indicated in the text). Wear
rates were measured by weight loss of the pin, with
measurements made to an accuracy of ±2 × 10−5 g.
An identical virgin wear pin was placed in the same
medium as the test (i.e., the laboratory air, or distilled
water etc.) for the same time as the wear test and then
weighed with the other pins. This allowed us to account
for any changes to the weight of the pin as a result of
fluid adsorption from the environment.

A variety of counterface materials were used, in-
cluding a zirconia toughened alumina disc (supplied
by Dynamic Ceramic, Crewe Hall, Crewe (UK)), an

6706



CHARACTERISATION OF CERAMICS

8.5 mol% magnesia partially stabilised zirconia (Mg-
PSZ), supplied by Coors Ceramics Ltd., Southfield,
Scotland, (UK). The counterface discs were 90 mm
diameter in diameter and 10 mm thick.

Both wear test materials were prepared by diamond
lapping. The last stages of lapping were undertaken on
a 0.1 µm diamond tin lap which provided a surface
finish in the range 5–8 nm Ra, depending on material
type. Back-thinned transmission electron microscopy
(TEM) was used to verify that this preparation treatment
removed the majority of damage associated with prior
grinding and lapping.

2.3. Characterisation
Scanning electron microscopy (various microscopes)
was used to examine worn surfaces and to determine
the grain size (which was determined from thermally
etched surfaces, using a Schwartz-Saltykoff analysis
with in excess of 100 grains in each case).

Atomic force microscopy (AFM) was performed us-
ing a Digital Instruments (DI) Dimension 3000 Scan-
ning Probe Microscope (SPM) operating in the contact
mode. Standard silicon cantilevers with a pyramidal
silicon tip was used to acquire images.

Samples for transmission electron microscopy
(TEM) were produced by both back-thinning of the
wear surface and in cross-section. In all cases, the sam-
ples were only taken when the wear rate was well into
steady state and the wear volume was sufficient to have
completely removed the original lapped surface. For
cross-sectional samples, the position of the worn sur-
face was first labelled with a sputter deposited gold
coating (preferential erosion of the surface during ion
milling can occur, and therefore it is important to know
the location of the original surface with certainty). The
sample preparation for both back thinning and longi-
tudinal cross-section is detailed elsewhere [4, 13, 62,
66]. For the latter, following examination of each TEM
specimen, further ion milling was undertaken to reveal
new areas of the worn surface. In this way, approxi-
mately 1mm of worn surface was investigated for each
TEM specimen. TEM was undertaken on a range of
microscopes, although the majority of the work was
undertaken on a Jeol 200CX microscope operating at
200 kV.

X-ray diffraction (XRD) (Philips model PW1710
diffractometer) was used to determine phase constitu-
tion of the test materials. For the 3Y-TZP materials,
XRD confirmed that the test surface contained no de-
tectable monoclinic zirconia after the lapping proce-
dure.

3. Wear maps
Wear maps have been proposed by a number of re-
searchers [1, 3, 5–11]. Adachi et al. [3] separate the
maps into two types. The first class are defined as those
that use the experimental variables as the axes, the most
obvious examples being normal load and sliding veloc-
ity, but can also include temperature, sliding distance
and so on. Such maps are generally straight forward to
interpret. However, the disadvantage of such maps is

that the wear rate is system specific, such that the wear
rate read off a map for, e.g., a specific load, is unlikely to
be transferable to another wear geometry/engineering
system and therefore cannot be used for design.

The second type of map uses dimensionless axes.
These tend to be more widely applicable and can cover
a wide range of operating conditions [1, 3]. The most
widely cited paper related to this is the work of Lim
and Ashby [9], who used axes of normalised pressure
and normalised velocity. Kong and Ashby [10] pro-
duced one such map for alumina, which showed a total
of seven wear modes. There have been a number of
variations on this theme, with a range of different di-
mensionless parameters suggested for the axes. Much
work has been done since Lim and Ashby to extend
wear maps and model behaviour therein, with the work
of Adachi and Kato [1, 3] and Hsu and co-workers
[6–8, 26–28] of particular note. Adachi et al. [1, 3]
examined the wear of Al2O3, ZrO2 and SiC in a pin
on disc configuration. Test conditions provided a sub-
stantial range of specific wear rate, from 10−9 to 10−2

mm3/Nm (smaller and larger than found for metallic
wear), and a wide range of friction coefficient, from
0.1 to 1.1. Adachi et al. [3] proposed a new set of di-
mensionless parameters for a wear map. The severity
of contact, Sc,m is derived, based on Hertzian contact
pressure, considering the maximum tensile stress, and
using basic linear elastic fracture mechanics, to incor-
porate the relationship between critical flaw size and
K1C:

Sc,m = (1 + 10 µ)Pmax
√

d

K1C

where µ the friction coefficient, Pmax is the maximum
Hertzian contact pressure, d is the pre-existing crack
length, and K1C is the fracture toughness of the material.
Mild wear exists for the condition:

Sc,m ≤ Cm

where Cm is a constant.
Adachi et al. further define the thermal conditions

required to give mild wear, taking account of the flash
temperature rise from frictional heating and the conse-
quent thermal shock effect on the ceramic. The critical
condition for mild wear is defined as:

Sc,t ≤ Ct

where Ct is a constant (i.e., the threshold value for mild
wear) and Sc,t is given by:

Sc,t = γµ

�Ts

√
νW H V

kρc

where γ is the heat partition ratio, �Ts is the thermal
shock resistance, k is the thermal conductivity, ρ the
density, c is the specific heat υ is the sliding velocity
and HV is the Vickers hardness. The thermal shock
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resistance can be derived from:

�Ts ∝ (1 − υ)K1C

Eα
√

πd

where α is the thermal expansion coefficient.
The experimentally determined limiting values for

mild wear were reported as:

Sc,m ≤ 6
Sc,t ≤ 0.04

Adachi et al. [3] further developed the model to allow
Sc,m and Sc,t to be determined without prior knowledge
of µ, which clearly cannot be predicted, but must be
determined experimentally.

Adachi et al. showed a linear relationship (albeit with
considerable scatter) between Sc,m and specific wear
rate, with severe and mild wear falling on the same
line, with similar levels of scatter, Fig. 1.

Using this definition of mild and severe wear, Kato
and Adachi [1], investigated the dry and lubricated wear
of Al2O3, ZrO2 and SiC. Plotting the regimes of mild
and severe wear on conventional load vs. sliding veloc-
ity maps indicated major differences between the size
of the mild wear regime for the three materials, Fig. 2.
The largest region for mild wear existed for SiC, while
the smallest was for ZrO2. Indeed, a sliding velocity
of less than ∼0.03 m/s is required to ensure mild wear

Figure 1 Wear rate against Sc,m and Sc,t (see text for definitions) for
alumina, zirconia and silicon carbide. After Adachi and Kato [3].

Figure 2 Sc,m against Sc,t (see text for definitions) for alumina, zirconia
and silicon carbide. After Adachi and Kato [3].

for ZrO2. This is related to its low thermal conductivity
and is described in detail later. Interestingly, water lu-
brication greatly increased the extent of mild wear for
Al2O3, but not for ZrO2. Again, this will be discussed
in detail later. The trends shown by Adachi and Kato
are similar to those found by Hsu and co-workers, who
have developed an alternative, but similar approach to
wear mapping.

4. Mild wear in alumina and the wear
transition

The mechanisms of material removal in the mild wear
regime, as defined above by Adachi and Kato, are still
poorly understood. The surfaces become, by definition,
smoother than the starting state. As such, a clear un-
derstanding of this regime could lead to reduced wear
rates and also improved methods of polishing ceramics,
a point noted by Fischer and co-workers [32], for exam-
ple. Although the surface may become smoother, some
fine scale features are often present, for example, micro-
scale abrasion, and differential wear between grains.
However, it is clear that significant fracture is absent in
this regime. Moreover, as described below, while dis-
location activity may occur, it is usually constrained to
below abrasive grooves, and does not appear to have any
rate-limiting role in the mild wear rate. The question,
therefore, is what is the rate limiting material removal
mechanism? The following paragraphs review the
evidence.

Fig. 3a gives an SEM image of the worn surface
of a zirconia toughened alumina, clearly operating in
the mild wear regime. There are two kinds of wear
debris present, the smeared debris present as a band
across the middle of the micrograph (the edge of the
wear track) and the finer ‘rolls’ present as randomly
distributed particles in the upper half of the micrograph
(within the wear track). The main wear debris is similar
in appearance to that observed on an explanted Al2O3
hip joint [25], as shown in Fig. 3b, also located at the
edge of the contact region. Such films are known to be
amorphous in many cases, and for the wear of Al2O3,
have been shown to be aluminium hydroxide, or similar
[e.g., 30].

The second type of wear debris in Fig. 3a are the rolls
observed in the upper region. These rolls have been ob-
served by many authors [e.g., 32, 37, 38], for a wide
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Figure 3 (a) SEM micrograph of the worn surface of a zirconia toughened alumina (worn against a 3Y-TZP at 0.016 m/s). Note the accumulated wear
debris across the centre of the micrograph and the ‘rolls’ in the upper region of the wear track. (b) SEM micrograph of the edge of the wear track on
an explanted alumina femoral head, which had been coupled with an alumina acetabular cup, operating in the mild wear regime. (c) TEM micrograph
of a ‘roll’ supported on a carbon film, following removal from the worn surface in (a).

range of ceramics, including oxide and non-oxide. They
are often believed to be beneficial to wear (since they
coincide with low wear rates), even with suggestions
being put forward that they could act as a ‘low friction
bearing’ between the two surfaces. An acetate replica
technique was used to remove these particles for sub-
sequent examination in the TEM, the result of which is
shown in Fig. 3c. The roll is amorphous and, apart from
the shape, appears to be similar in most respects to the
thin amorphous films observed on the surfaces of ce-
ramics, such as that in Fig. 3a. Careful examination of
the TEM micrograph in Fig. 3c suggests that the ‘rolls’
are made up of a rolled up sheet, rather than being a
solid entity. This, and other evidence, suggests that the
rolls are simply a result of removal of the amorphous
tribo-film, which then roll-up because of the residual
stress within the film (since the film is initially bonded
to the substrate, but is a transformation product from
the substrate, it will inevitably be under stress because
of the different physical substructure size).

Fig. 4a gives a Nomarski contrast optical micro-
graph from an Al2O3 sample operating in the mild wear
regime. Note the differential wear between grains (that
will be considered later). Fig. 4b is a bright field TEM
image from one of the grains that has worn the most (as
shown by the reduced thickness in this region). There
was no evidence of mechanical damage (i.e., no dis-

location activity and no microfracture). However, the
image shows a region where the thin surface tribolayer
has been partially lost. This was the only evidence of
material loss found in this grain and numerous other
examples examined. This and other evidence suggests
that the rate limiting material removal step is either
the growth or detachment of such films. However, the
evidence remains sparse and further investigations are
required. Moreover, it would be interesting to know
whether it is the growth or detachment of the film that
is rate limiting, and what factors (e.g., material compo-
sition) that are important.

The formation of these thin tribofilms is quite distinct
from the surface compacted layers, widely reported in
the literature [e.g., 2]. The films described in the pre-
ceding paragraphs are difficult to observe, and require
the use of careful microscopy or spectroscopy to detect
them. In contrast, while compacted layers of wear de-
bris often reduce wear rate and friction coefficient, they
are a feature of relatively high wear rates, where there is
large amounts of wear debris produced by fracture that
are subsequently broken up by attrition. Consequently,
these layers are usually (but not always) crystalline, and
often nanocrystalline, which is almost certainly the ori-
gin of the wear reduction properties.

Most ceramics, including alumina, exhibit a load de-
pendent wear transition, which is associated with a
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(a) (b)

Figure 4 (a) Nomarski optical micrograph of worn alumina, worn under water lubricated sliding, under the conditions given in Fig. 1. (b) TEM bright
field image from a back-thinned sample, showing a region where the surface amorphous film has become detached. After [13].

change from mild wear to fracture dominated wear.
Hsu and co-workers [6–8] provide useful wear transi-
tion maps, which allow the effect of load and speed
to be accounted for. For alumina this transition is time
dependent as well as load and speed dependent, Fig. 5.
The transition, which is associated with 1–2 orders of
magnitude increase in specific wear rate [13], involves a
change from mild wear to intergranular fracture. Fig. 6a
gives an SEM image of the post transition wear surface
of a laboratory generated specimen (the same sample as
in the dry wear test in Fig. 5). This can be compared with
the explanted Al2O3 femoral head in Fig. 6b, which has
failed due to post transition wear behaviour.

The transition is strongly grain size dependent, with
the time to the transition decreasing with grain size.
Modelling this transition, firstly by Cho et al. [14, 15]
and later by Liu and Fine [19] and then Wang and Hsu
[27, 28], has demonstrated that the grain size effect can
be predicted by considering the combined effects of the
contact stresses and the pre-existing thermal mismatch
stresses (generated as a result of the anisotropy of ther-
mal expansion coefficient in alumina) and a time depen-
dent damage accumulation mechanism. Thus, the basic

Figure 5 Wear coefficient as a function of sliding distance for alumina
worn against Mg-PSZ showing the wear transition for dry sliding, but
its absence for water lubricated sliding (during the 275 km test). After
[13].

origin of the transition is well known, but the origin of
the time dependent nature has received less attention.

Cho et al. [14, 15] have demonstrated extensive dislo-
cation damage in the post transition regime. Barceinas-
Sanchez and Rainforth [13] undertook a detailed in-
vestigation of the pre-transition regime, in particular,
the time dependent damage accumulation mechanisms
leading to the wear transition. Fig. 7 gives AFM im-
ages from the alumina pin worn in water in the pre-
transition regime as shown Fig. 4a. The surface rough-
ness and specific wear rate place this firmly within the
mild wear regime. The worn surface in Fig. 4a shows
several fine (0.3–1.9 µm diameter) abrasive grooves,
which generally start at a grain boundary, frequently
between grains that show the greatest height difference
(i.e., it is usually associated with the grain boundary
adjacent to a grain that has worn the least). An exam-
ple of a back-thinned TEM micrograph from one such
groove is given in Fig. 8. The damage fell into roughly
four categories, grooves that predominantly produced
fracture, grooves that predominantly produced disloca-
tion damage, grooves that had both fracture and high
dislocation density and finally grooves that apparently
left no damage (the latter have been discussed previ-
ously under mild wear and shown in Fig. 4b). Which
type of damage occurred strongly depended on crystal-
lographic orientation, as shown by the dramatic change
in damage that occurred from one grain to another, as
shown by both the AFM (Fig. 7) and TEM (Fig. 8b
and c).

The sample examined was just before the wear tran-
sition (as determined by a prior test under identical test
conditions). As shown in Fig. 8d, some of the grain
boundaries were cracked. Since the wear transition is
associated with intergranular fracture, it is reasonable
to assume that these cracks are the nuclei that lead to
the wear transition. In all cases where such cracks were
observed, dislocation pile-ups were present at the grain
boundary. It is well known that such pile-ups can initiate
cleavage fracture in metals, and therefore it is reason-
able to consider that the grain boundary cracks occurred
because of the combined effects of the applied stress
at asperity contacts, the thermal mismatch stresses and
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(a) (b)

Figure 6 SEM micrographs of worn alumina surfaces, operating in the post transition wear regime and exhibiting intergranular fracture. (a) The
laboratory specimen, taken from the dry test show in Fig. 5; (b) Explanted alumina femoral head that failed due to excessive wear. (a) after [13], (b)
after [25].

(a) (b)

Figure 7 AFM images from the worn surface shown in Fig. 4a. The maximum height difference in (a) is 33 nm. Note the manner in which micro-
abrasive grooves initiate at the leading edge of a grain (leading edge is to the left of this image). Note the way in which groove depth changes from
grain to grain, a particularly marked example of which is given in (b). After [13].

the elastic strain associated with the dislocation pile-up.
The time dependent effect then arises from the build up
of dislocation damage. The grain size effect results from
both the scaling of thermal mismatch stresses with grain
size, but also the increase in slip length and therefore
dislocation density with grain size.

The Nomarksi contrast image of the worn alumina
surface given in Fig. 4a, and the AFM images in Fig.
7, of the same surface, shows marked differential wear
between grains, i.e., the wear rate appears to be depen-
dent on the crystallographic orientation of the alumina.
AFM demonstrated that the maximum surface relief
was only ∼33 nm, with most changes in grain height
being only 10–15 nm. The extent of grain relief de-
pends strongly on the environment, and is not seen, for
example, with a butanol lubricant, and not observed for
the explanted alumina femoral head in Fig. 3b. Thus,
the grain relief must depend, at least in part, on the
absorption of the environment into the surface region.
The origin of the grain relief is still not fully understood.
Barceinas-Sanchez and Rainforth [13] plotted the grain
orientation of surface grains on a stereographic projec-
tion, differentiating those grains that had worn more
and those that had worn the least. No clear correla-
tion could be found between crystallographic orienta-
tion and the grains that had worn the most. Interestingly,

those grains that wore the most generally exhibited little
or no evidence of dislocation damage and no microfrac-
ture. The only evidence of damage was the presence of
a surface tribofilm, as already discussed, and illustrated
in Fig. 4b. However, if only those grains standing proud
of the surface are considered (i.e., those grains that had
worn the least), the surface of the grain was between 70
and 78◦ to the c-axis of the crystal. Thus, this suggests
that grains oriented for pyramidal slip would tend to
wear less, i.e., in this specific respect surface plasticity
appears to be beneficial.

Although there are a number of observations of dislo-
cations at the worn surface, there are only a few detailed
studies, namely those of Inkson [63], Hockey [16, 17]
and Barceinas and Rainforth [13]. However, most stud-
ies have been concerned with abrasion or grinding. A
detailed analysis of the dislocation activity in the mild
wear regime yields interesting observations. Referring
again to Fig. 8, while most dislocation activity was as-
sociated with these grooves, other dislocation activity
was found at the worn surface, the majority of which
coincided with the grains that wore the least. The dom-
inant slip systems were pyramidal, namely:

{011̄2}1/3〈2̄021〉; {21̄1̄2}〈011̄0〉; {101̄1}1/3〈1̄21̄0〉;
{101̄1}1/3〈1̄101〉; {21̄1̄3}1/3〈1̄101〉
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Figure 8 TEM bright field micrographs taken from a back-thinned sample of the surface shown in Fig. 7. (a) A groove showing extensive dislocation
damage; (b) A groove where the damage is mainly fracture, but changes from one grain to the next; (c) A groove where there is no damage in a grain
immediately adjacent to a deep groove; (d) grain boundary cracking associated with several pile-ups of dislocations. (b) and (c) taken from [13].

Occasional basal slip was also observed, of the type
(0001)1/3 〈112̄0〉. No evidence of prism slip was found.
Table I gives the orientation of the slip system to the
worn surface, from which it can be seen that the ma-
jority of pyramidal slip occurred on planes between
∼6–33◦ to worn surface, although three examples of
slip on planes ∼48–52◦ to the worn surface were also
identified. Basal slip was occasionally found, with an-
gles of ∼31◦ and ∼53–73◦ to the worn surface. Basal

T ABL E I Table of the angle between the slip plane and the worn
surface (φ) and the slip direction and the worn surface (λ), for some of
the grains in which the slip system was quantified

Grain surface normal Slip plane Burgers vector φ λ

[92 16 76 93] (0 0 0 1̄) 1/3[2̄ 1 1 0 ] 30.7◦ 61.4◦
[29 16 13 12] (0 0 0 1) 1/3[ 2 1̄ 1̄ 0] 53.1◦ 36.4◦
[20 55 35 18] (1 1̄ 0 2) 1/3[ 0 2̄ 2 1̄ ] 33.1◦ 70.3◦
[3̄ 9 6̄ 4̄] (1̄ 2 1̄ 2̄) [ 1 0 1̄ 0] 20.5◦ 81.4◦
[6̄ 3 3 1]a (0 0 0 1) 1/3[2̄ 1 1 0] 73.2◦ 16.5◦
[29 31 2̄ 6]a (0 0 0 1) 1/3[1̄ 2 1̄ 0 ] 72.6◦ 31.3◦
[17 13 4 3]b (2̄ 1 1 2) [ 0 1 1̄ 0 ] 16.4◦ 73.7◦
[17 13 4 3]b (1̄ 1 0 1) 1/3[1̄ 1̄ 2 0 ] 12.4◦ 77.5◦
[17 13 4 3]b (1̄ 1 0 1) 1/3[1̄ 0 1 1̄ ] 12.4◦ 83.4◦
[5̄ 3 2 1]b (2̄ 1 1 2) [0 1 1̄ 0] 6.2◦ 83.7◦
[46 29 17 6]b (1 1̄ 0 1) 1/3[ 1 1 2̄ 0] 21.1◦ 69.1◦
[46 29 17 6]b (11̄ 0 1) 1/3[1 0 1̄ 1̄ ] 21.1◦ 76.8◦

aGrains standing proud of the surface.
bPlane also contained basal twins.

twinning was also present in association with basal slip,
with a twin fault vector of 1/3 〈1̄21̄0〉 associated with
the Burgers vector of the basal dislocations was of the
type 1/3 〈112̄0〉. No evidence of rhombohedral twin-
ning was found anywhere on the worn surface.

Although the slip systems noted above have been
previously observed in bulk compression studies [20],
there are important differences to the current results.
Lagerloff et al. [20] collated yield stress data from bulk
compression testing over a wide temperature range, and
found that pyramidal slip is the least favoured at all
stresses and temperatures, whereas in the work of Bar-
ceinas and Rainforth, it was the most dominant slip
system. For example, at 100◦C prism slip would be ex-
pected to be dominant, with a yield stress of ∼7 GPa.
Conversely, basal slip would be expected at 1100◦C
with a yield stress of ∼180 MPa.

These findings also contrast the observations of
Hockey [16, 17], who found that for sapphire, basal
slip dominated under an indentation and under abrasive
grooves induced by 0.25 µm diamond. Indeed, basal
slip was predominant even when the basal surface was
indented, although he identified limited {112̄ 3}{1̄012}
and {101̄1} pyramidal slip under microhardness indents
on other sapphire surface orientations. However, Inkson
[63] recently undertook a detailed analysis of the abra-
sion of sapphire by diamond and found deformation
was predominantly by basal twinning and pyramidal
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slip (1/3〈112̄0〉{1̄101}). Thus, Inkson’s observations on
abrasion are consistent with the work of Barceinas-
Sanchez and Rainforth on sliding wear, both of which
show a marked shift in glide plane of 1/3〈112̄0〉 from
basal to pyramidal. Interestingly all three studies failed
to observe prism slip. Therefore, the available wear sur-
face data suggests that similar slip systems are activated
by asperity contact, but differ in a major way to bulk
compression tests.

A number of factors could explain these apparent
anomalies [13]. Firstly, the strain rate at the absolute
surface during wear (estimated [13] as ε̇ ∼ 105 s−1)
is substantially higher than used in bulk compression
studies [20], and most critically resolved shear stresses
are strain rate dependent. Secondly, it is known that
dislocation activity at a surface can be significantly dif-
ferent to that in the bulk [13], although such evidence
comes largely from metals, not ceramics. Thirdly, and
perhaps most significantly, the surface plasticity will
have been altered by the adsorption of water. The envi-
ronment is known to strongly affect surface plasticity
and fracture [13, 33, 35, 36].

The role of plastic deformation in the wear of ceramic
materials remains controversial, largely because of the
paucity of data. Surface plasticity is often invoked to ex-
plain SEM micrographs which indicate a ‘smearing’ of
the surface, but a qualitative description is dangerous.
Such surface smearing is usually associated with the
formation of a ‘tribo-layer’ which is essentially an ag-
glomeration of very fine wear particles [2]. For alumina
and other similar ceramic materials, it is not possible
to get gross surface plasticity. Nevertheless, disloca-
tion flow can play a major role, as shown by the time
dependent effect.

5. Strategies for extending the mild wear
regime in ceramics without transformation
toughening

Since the initial work of Niihara [40–42], the supe-
rior mechanical properties of ceramic nanocompos-
ites, in particular Al2O3-SiC, have been extensively
investigated (although the term ‘nanocomposite’ is per-
haps a misnomer here, since the alumina grain size re-
mains firmly in the micron range, while the SiC par-
ticles are tens of nm, often larger). While some of
the original claims for the mechanical properties of
Al2O3-SiC have been the subject of much controversy,
it is clear that these materials offer significant bene-
fits in wear behaviour compared to monolithic Al2O3.
Erosive and abrasive wear rates are substantially re-
duced by the addition of SiC [43–54]. For example,
nanocomposites tend to exhibit a surface covered in
plastic deformation grooves, while for the same con-
ditions, the monolith exhibits intergranular fracture.
Consequently, the nanocomposites are much easier to
polish.

The understanding of the underlying mechanisms in
the wear of Al2O3-SiC composites is most complete
for abrasion. Wu et al. [52] have undertaken a detailed
investigation of the residual stresses at the surface of
ground Al2O3-SiC and Al2O3 using Hertzian indenta-

tion, and showed a larger compressive residual stress
in the composites compared to the monolith. For the
composite, this residual stress was measured at 1500
MPa, in the near surface regions for the polished con-
dition. Fracture toughness values, also determined by
the Hertzian indentation method, were higher for the
composites than the monolith.

The residual stresses in the nanocomposite were cor-
related by Wu et al. [52] with the presence of regions
of high residual dislocation density in the near surface
regions. The comparison with the monolith depended
on the abrasion conditions, i.e., the grit size used. For
the initial ground condition, intergranular fracture of
the alumina dominated, and therefore much of the de-
formed surface was lost. Where it remained, deforma-
tion was dominated by twinning, although some dis-
location damage was also observed. In contrast, the
nanocomposite exhibited only dislocation glide, with
no evidence of twinning. While the differences were
marked, it should be remembered that more material
will have been lost from the alumina surface compared
to the composite, and therefore more of the evidence
of deformation mechanisms will also have been lost.
In the polished condition for a grit size of 3 µm or
finer, dislocation flow was observed for both materials
in a small surface region, being confined to the sur-
face grains for the nanocomposites. Importantly, even
for these grit sizes, the depth of the deformation zone
was much greater for the nanocomposites than for the
monolith.

This observation was later confirmed by Wu et al.
[54] who used FIB and TEM to examine the surface
of similar materials. In their work, the depth of defor-
mation below a 120◦ cone indenter was ∼7 µm for an
Al2O3-5%SiC composite, while it was ∼4 µm in the
alumina. Importantly, the deformation was constrained
to the first layer of grains for the alumina, but extended
to several grain depths for the composite. These authors
used multiple FIB cuts to image the crack distribution
below the surface, as shown in Fig. 9. They then recon-
structed the images to give a 3-D image of the crack dis-
tribution, Fig. 10. Interestingly, the crack distribution
was similar for both materials, with cracking extending
>7 µm below the bottom of the scratch, and >10 µm
from the centre line of the scratch track for both cases,
even though the deformation behaviour was quite dif-
ferent. In line with Wu et al., the residual stresses were
greater for the nanocomposite than the monolith, con-
sistent with the different levels of deformation.

Wear studies of ceramic nanocomposites have not ex-
plicitly examined the wear behaviour in relation to the
wear transition [56]. In abrasion and erosion studies,
the nanocomposite has been compared to the mono-
lith, but under conditions where the monolith is clearly
operating post-transition, as shown by the intergranu-
lar fracture. While this shows that the nanocomposites
are certainly less susceptible to a wear transition from
gross surface fracture, it does not explicitly show that a
wear transition does not occur for the nanocomposites.
In these studies, the greater resistance to intergranular
fracture has been ascribed to two factors. Firstly, the
modification of inherent grain boundary strength could
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(a) (b)

Figure 9 After Examples of multiple parallel 2D FIB cross-sections (spacing schematic) showing subsurface fracture damage under the scratch
grooves in (a) Al2O3, (b) Al2O3/5vol.% nanocomposite. The viewing angle is 45◦ from the milled plane. The arrow indicates limited pile-up of
material above the original surface height at the scratch groove edges. After [54].

Figure 10 3D reconstructions of the crack morphologies around a 1 N load scratch track (solid surface at the bottom of each image), viewed “inverted”
from inside the sample. The scratch track is shown in grey, with the cracks white on a black free space background. (a) Polycrystalline alumina:
reconstructed dimension 19.1 µm across scratch ×7.2 µm along scratch. (b) Polycrystalline Al2O3/5vol.% nanocomposite: reconstructed dimension
16.8 µm across scratch ×4.3 µm along scratch. Residual cracks around the scratch site penetrate more than 7 µm into sample from groove bottom
in (a) and more than 10 µm in (b). Taken from [54].
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Figure 11 Specific wear rate as a function of sliding distance for mono-
lithic alumina and alumina +5%SiC, for a load of 60 N. The monolith
exhibits a wear transition, while the composite does not. After Bajwa
[61].

remove the catastrophic nature of surface damage as-
sociated with intergranular fracture that is responsible
for the transition. Secondly, the change in dislocation
density and residual stress-state in the composite com-
pared with the monolith could alter the time dependant
nature of the damage accumulation process.

Fig. 11 gives sliding wear data comparing the be-
haviour of monolithic alumina with the nanocompos-
ite under near identical test conditions. The mono-
lith shows a time dependent wear transition, while the
nanocomposite does not. Note, however, that the spe-
cific wear rates are similar in the early part of the test,
i.e., in the pre-transition regime for the monolith, im-
plying that the addition of SiC does not significantly
modify the wear rate in the mild wear regime. Fig. 12
gives wear data taken from Chen et al. [56], which
shows that it is not the grain size which is primarily
responsible for removing (or delaying) the wear transi-
tion, further supporting the view described above, that
it is the strengthening of the grain boundaries that has
the principal role.

Fig. 13 shows the worn surface of a nanocompos-
ite, tested under conditions that yielded immediate post
transition behaviour in the monolith. Macroscopically
the surface was smooth, while there was some evidence
of fine-scale abrasion at the microscopic scale. Fig. 14
gives bright field TEM images from a back thinned

(a) (b)

Figure 12 (a) Grain size as a function of SiC content (� data series, � additional monolithic material processed to have finer grain size); (b) Wear
coefficient as a function of SiC addition for the materials with grain sizes detailed in (a). After Chen et al. [56].

worn surface of the same material. There is extensive
dislocation activity associated with the region under
the grooves (i.e., those seen in Fig. 13). The disloca-
tion activity was essentially similar to that observed
by Barceinas-Sanchez and Rainforth [13], as shown in
Fig. 8, with a few important exceptions. Firstly, the
dislocation density was generally higher than for the
monolith. The dislocation density was more homoge-
neous between grains, with dislocations generally re-
stricted to regions below the abrasive grooves, with no
evidence of dislocation pile-ups at grain boundaries.
Finally, there was no evidence of grain boundary crack-
ing. Interestingly, the dislocation activity did not appear
to be perturbed by the SiC (i.e., there was no evidence
of the dislocations interacting with the residual stress
field around SiC particles). Thus, although the data in
Figs. 11 and 12 does not determine definitively whether
the time dependent wear transition is removed by the
addition of fine SiC to Al2O3, or merely delayed to long
times, this TEM evidence strongly suggests that there
is no time dependent transition for these materials.

There remains little agreement regarding the origin
of the much more extensive dislocation activity in the
surfaces of the nanocomposites, but whatever mecha-
nism is proposed, it has to be consistent with the similar
hardness and stiffness values of the two materials. Wu
et al. [52] propose a number of possibilities: (a) The
large thermal expansion coefficient mismatch between
the two phases (∼8 × 10−6 K−1 for Al2O3 and ∼3 ×
10−6 K−1 for SiC) potentially results in dislocations
punching out into the matrix during cooling; (b) as for
(a), but the thermal mismatch results in residual elas-
tic strains. These aid deformation by superposition of
the applied stress, i.e., a mechanism similar to the well
known thermal cycle plasticity in hexagonal metal; (c)
as noted above, the greater removal rates in the alu-
mina by intergranular fracture result in material loss
before deformation can be established. Wu et al. re-
jected (b) since similar elastic strains would be found
in conventional Al2O3-SiC composites (as opposed to
‘nanocomposites’), but such materials do not show the
enhanced plastic deformation. The FIB work of Wu
et al. [54] demonstrated that dislocations were acti-
vated at both the surface and at the interface between
Al2O3 and SiC, which is inconsistent with (a), which
implies it is the pre-existing dislocation density that is
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Figure 13 Secondary electron SEM image of the worn surface of the
Al2O3-10%SiC tested under a load of 60 N. Note the fine abrasive
grooves. After Bajwa [61].

important. However, there remains no direct evidence
as to whether (a) or (c), or a combination of both, can
adequately explain the substantially enhanced disloca-
tion activity found for the Al2O3-SiC nanocomposites.

6. Wear in transformation toughened zirconia
Many workers have highlighted the importance of frac-
ture toughness in the wear of ceramics [4], promoted
by the controlled phase transformation of metastable
tetragonal zirconia (hereafter t-ZrO2) to monoclinic zir-
conia (hereafter m-ZrO2), with the associated volume
expansion. Zirconia ceramics offer the highest tough-
ness of all monolithic ceramics, but also exhibit high
hardness and good resistance to chemical attack. There-
fore, in principal, these materials should provide excel-
lent wear resistance. However, the published literature
provides conflicting information. Some reports indicate
that zirconia ceramics have good wear resistance both
in the laboratory [68–70] in field trials [71–73], while
others workers have found poor wear resistance [62,
74–77], even under mild sliding conditions.

The role of transformation toughening in the wear of
zirconia ceramics remains controversial. Zirconia ce-

(a) (b)

Figure 14 Bright field TEM micrographs from back-thinned samples of Al2O3-10%SiC. (a) General view, showing dislocation contrast associated
with fine abrasive grooves. (b) Higher magnification image showing apparently minimal interaction between dislocations and SiC particles. After
Bajwa [61].

ramics offer greater resistance to grinding than would
be expected from the hardness, and it is generally agreed
that this is a result of the surface compressive stresses
generated by transformation of the t-ZrO2 to m-ZrO2
[4], with evidence for this coming from X-ray diffrac-
tion. In contrast, sliding wear rates are generally higher
than expected from the hardness [62, 79, 80]. There
are a wide range of explanations for this, for example,
this has been ascribed to surface fracture initiated by
transformation-induced microcracking [76], but also to
the poor thermal conductivity of zirconia that results in
substantial temperature rises at the surface, thus soft-
ening the material [66]. The discussion below takes a
critical look at the poor wear performance of these ma-
terials and tries to explain the apparent anomalies in
behaviour.

The wear rate of zirconia is found to be bad in water
as well as under dry sliding conditions [5, 82]. This is in
contrast to some other ceramics such as alumina [13],
where water lubrication can reduce the wear rate by
orders of magnitude. Water lubrication should reduce
the heat input and contact stresses and therefore the
wear rate, but this is not the case for zirconia. This has
led to suggestions that hydrothermal degradation occurs
during sliding and the high wear rate in water results
from the microcracking associated with the tetragonal
to monoclinic transformation [76] (there is not space
here to discuss hydrothermal degradation, the reader
is referred to [89] for a review. The term refers to the
uncontrolled surface phase transformation of t-ZrO2
to m-ZrO2, with kinetics that peak in the temperature
range ∼150–250◦C and is accelerated by the presence
of water. It generally results in a catastrophic loss in
mechanical properties).

Fig. 15 shows the worn surface of a 3 mol% TZP
worn against a zirconia toughened alumina counterface
[66] under conditions (0.24 m/s, 19 N) that have yielded
mild wear for many ceramic couples. However, the wear
coefficient of the zirconia (1.8 × 10−4 mm3/Nm) was
excessive, and the test was associated with significant
noise and vibration. Fig. 16 gives bright field TEM
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Figure 15 Backscattered electron SEM micrograph of a worn 3Y-TZP,
tested in dry sliding against a zirconia toughened alumina counterface,
at 19 N and 0.24 m/s. The darker regions are rich in Al3+. After [66].

Figure 16 Bright field TEM micrographs from a longitudinal cross-sectional sample of the worn surface shown in Fig. 15. (a) Overview, which
contains 3 principal regions, A, B and C, discussed in the text; (b) Enlarged image of region B, showing severe plastic deformation of the t-ZrO2

grains; (c) Enlarged image of region C showing fragmented alumina particles (light regions) and a matrix which is partly amorphous and partly
nanocrystalline and contains both Zr and Al ions. After [66].

images from a longitudinal cross-sectional specimen of
this test. The micrographs in Fig. 16a show three broad
categories, labelled A, B & C on Fig. 14a. The start-
ing microstructure was of equiaxed tetragonal zirconia
grains with an average grain size of ∼0.6 µm. Region A
comprised elongated tetragonal zirconia grains, with a
maximum aspect ratio of 30:1, equivalent to a true ten-
sile strain of 1.7 (Fig. 16b). The elongated grains con-
tained a high dislocation density. Region B contained
fine (∼50 nm) equiaxed tetragonal zirconia grains, with
extensive grain boundary cracking. This represents an
order of magnitude reduction in microstructural scale
from the starting material. Region C, Fig. 16c, was
predominantly amorphous, containing approximately
equal proportions of Al and Zr ions, but also contain-
ing fine (∼5 nm) zirconia precipitates and fractured
alumina particles.
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The origin of the high strain deformation in the zir-
conia and the substantial reduction in crystallite size is
complex and discussed in detail elsewhere [66]. How-
ever, the microstructural changes can only be explained
by high flash temperatures generated as a result of the
low thermal conductivity of the zirconia. Estimation
of the flash temperatures induced at the surface by the
friction forces is difficult, because they are localised
and temperature transients occur over short times. Ex-
perimental methods, such as implanted thermocouples,
do not register the localised flash temperatures. Esti-
mates of surface temperature can be made from an-
alytical models, for example, Ashby and co-workers
[9], have calculated flash temperature maps for a wide
range of experimental conditions. Using this analysis,
Woydt et al. [65] calculated the flash temperature rise
over a wide range of speed and load conditions for zir-
conia. For the test shown in Fig. 16, this suggests a rise
of ∼800◦C at the surface, assuming a total contact area
of 0.1 mm2. As with every calculation of flash temper-
ature, it is the estimate of true contact area that is a
problem, and the value of 800◦C is rather low to ex-
plain microstructures presented in Fig. 16, suggesting
a smaller true contact area in this case.

The gross plastic deformation shown in Fig. 16 was
the first observation of high strain deformation in a ce-
ramic resulting from dislocation flow, but it is believed
to be an observation which is restricted to cases where
a substantial temperature rise occurs during frictional
contact, such as zirconia ceramics (further work is re-
quired to confirm this). The only other examples of sig-
nificant dislocation activity at worn surfaces are in the
ceramic nanocomposites, as already discussed before,
but in this case, no grain shape change occurred.

The outer layer, region C, is a true mechanically
mixed layer, as often observed in the wear of metal
on metal systems [90]. The mechanism by which an
amorphous mixture of alumina and zirconia can form
is not clear, but is believed to result from solid state
amorphisation, since temperatures did not appear to be
high enough for liquation of the surface. Solid state

Figure 17 TEM micrographs from a longitudinal cross-sectional sample of a worn sample worn under identical conditions to that shown in Fig.
16, but with water lubrication. (a) Bright field image of the near surface region, which comprised a nanocrystalline t-ZrO2 layer (marked ‘T’), with
elongated t-ZrO2 grains just below, and grain boundary cracking (marked ‘c’); (b) Dark field image of a region approximately 1.5 µm from the worn
surface, showing a grain which has monoclinic symmetry. Note the plastic deformation of this phase in the upper region of the grain. After [83].

amorphisation generally follows a sequence of a con-
tinuous decrease in crystallite size, diffusional mixing
of the two components, ultimately leading to a loss of
the crystal structure [52]. The issues are discussed in
more detail in reference [34].

It is clear from the above that even under mild slid-
ing conditions, the low thermal conductivity of zirco-
nia results is substantial temperature rises. Indeed, it is
becoming increasingly apparent that the wear of zirco-
nia is dominated by flash temperature rises. An elegant
demonstration of this is the work of Woydt and co-
workers [64, 65, 81]. Woydt and Habig [16] and Woydt
et al. [81] have demonstrated that the wear rate of zir-
conia depends sensitively on the sliding speed and test
temperature, with the wear rate increasing by 4 orders of
magnitude for an increase in sliding speed from 0.003 to
1 m/s. Indeed, Fig. 17 gives a plot of specific wear rate
as a function of sliding speed using data from the liter-
ature, which clearly demonstrates the dominant effect
of sliding speed. The combination of this, and the TEM
results given in Fig. 16 strongly suggests that trans-
formation of tetragonal to monoclinic zirconia is not a
significant mechanism except where frictional heating
is minimised, i.e., at very slow sliding speeds (<0.01
m/s).

As noted earlier, the observation that wear rates do
not decrease with water lubrication has been explained
by the presence of hydrothermal degradation, i.e., the
water was acting to promote unstable t-ZrO2 to m-ZrO2
transformation at the surface. Barceinas-Sanchez and
Rainforth [83] examined this hypothesis by comparing
the surface structures developed under dry and water
lubricated sliding, for otherwise identical test condi-
tions (3Y-TZP, against an Mg-PSZ at 10 N load and
0.24 m/s). High wear rates were recorded for both tests
(dry: 6.8×10−4mm3/Nm, wet: 2.2×10−4mm3/Nm).
Interestingly, both surfaces exhibited the same fea-
tures, although the extent of each particular attribute
differed slightly. Fig. 18a shows the extreme outer
∼400 nm of the water lubricated test, which consisted
of randomly oriented, fine (∼8 nm) tetragonal/cubic
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Figure 18 Specific wear rate as a function of sliding speed with the data
taken from the literature for a variety of test conditions.

zirconia crystals. As with the earlier results of Rainforth
and Stevens [62], extensive deformation of the t-ZrO2
grains by dislocation flow was observed. Transforma-
tion to monoclinic symmetry was found at a depth of
1.0–2.2 µm in the water lubricated test. Importantly,
some of the m-ZrO2 phase had been deformed in the
direction of sliding, Fig. 18b. This indicated that stress
induced transformation of t-ZrO2 to m-ZrO2 occurred
well below the surface, where the temperature was low
enough, followed by plastic deformation as the stress
gradually increased on the m-ZrO2layer, because of
progressive wear of the surface (a point 3.5 µm below
the surface, where the first microstructural change oc-
curred, would become exposed to the surface by wear
after ∼150 s due to wear, undergoing a series of mi-
crostructural transformations in the process). Finally,

Figure 19 (a) Nomarksi contrast optical micrograph of a worn Mg-PSZ surface, after sliding against a 316 L stainless steel. Note the differential
wear between grains; (b) Bright field TEM micrograph of a back-thinned sample, showing cracking along the [100] directions; (c) Bright field TEM
micrograph of the same sample as (b), showing extensive plastic deformation below a fine abrasive groove. After [62].

the m-ZrO2 re-transformed to t-ZrO2, as the temper-
ature rose within this layer as material removal from
the surface occurred. This categorically places the tem-
perature at least at ∼560◦C, which is the equilibrium
transformation temperature on heating [4], (although
the rapid heating associated with flash temperature rises
would be expected to increase the phase transformation
temperatures).

These results not only show that water provided lit-
tle lubrication, as shown by the evidence of high sur-
face temperatures, but also that a hydrothermal degra-
dation mechanism did not occur for water lubricated
tests. These observations are therefore likely to explain
the restricted mild wear regime in the wear maps pre-
sented by Kato and Adachi [1], as discussed in Section
3.

Where the temperature rises are restricted there are
examples where the t-ZrO2 to m-ZrO2 transformation
does play an important role in the wear response of
zirconias. Fig. 19a gives an SEM image of a worn
Mg-PSZ, which had been in intermittent contact with
a stainless steel counterface, where the heat generation
was limited. Interestingly, the grain relief was observed,
which shows many similarities with the alumina sur-
faces shown in Fig. 4a. In addition, pitting can be seen,
that is clearly related to the crystallographic orienta-
tion of the grain. Similar observations have been made
by, for example, Hannink et al. [72]. TEM, Fig. 19b,
showed that the cracks occurred preferentially along
{100} cubic planes, which was consistent with the twin
variants of the m-ZrO2 which were highly populated
along (001)m, so that maximum strain was generated
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along the [100] cubic directions. Thus, in this instance,
the transformation of t-ZrO2 precipitates to m-ZrO2
was, at least in part, detrimental.

Interestingly, gross plastic deformation was also ob-
served in this material below abrasive grooves, Fig. 19c.
For the Mg-PSZ, this resulted in fragmentation of the t-
ZrO2 precipitates. While dislocations could not be iden-
tified, the significant arcing in diffraction rings clearly
indicates some form of subgrain structure. Thus, the
behaviour below the abrasive groove was qualitatively
similar to that observed in monolithic Al2O3 and Al2O3-
SiC nanocomposites. This observation contradicts the
commonly held view that in grinding, the t-ZrO2 trans-
forms to m-ZrO2 at the surface. This is based on XRD
observations, which sample a depth of about 5 µm (for
Cu Kα radiation), and therefore will not differentiate
between the different layers observed, e.g., in Fig. 16
or 17. TEM results suggest that the extreme surface is
made up of deformed t-ZrO2, and the m-ZrO2 is present
as a layer below this. However, this is a detail, and the
important point remains that the m-ZrO2 layer infers
compressive stresses that enhance the wear resistance.

7. Conclusions
1. There has been much useful development of wear

maps, and contact severity parameters defined that al-
low the wear of ceramics to be mapped as a function of
contact severity. This allows a clear definition of mild
and severe wear that should be used universally in the
literature. However, further work is required to intro-
duce microstructural parameters into such modelling.

2. Operation of ceramics in the mild wear regime
results in smoothing of the surface, by definition. How-
ever, microscale abrasion may still occur and differ-
ential wear may be observed between grains, demon-
strating that wear rate can depend on crystallographic
orientation. Although dislocation activity can occur be-
low microscopic abrasive grooves, this localised plastic
deformation is not believed to be rate limiting in mild
wear. Rather, the predominant wear mechanism is be-
lieved to be tribochemical, with wear resulting in the
formation of amorphous films.

3. The time dependent wear transition results from
a combination of applied stress, residual thermal mis-
match stresses and stresses resulting from dislocation
pile-ups at grain boundaries. The residual thermal mis-
match stresses provide the grain size dependence, while
the dislocation pile-ups provide the time dependent as-
pect. A reduction in grain size leads to a reduction in
thermal mismatch stresses, but also a reduction in slip
length, thereby increasing the time to transition.

4. The active slip systems at the worn surface of alu-
mina are quite different to that expected from bulk stud-
ies. While this maybe a strain rate effect, it is also be-
lieved to reflect the reduction of constraint at a surface
and the possibly the effects of absorbed water.

5. So-called ceramic nanocomposites, based on
Al2O3-SiC, do not appear to exhibit a time depen-
dent wear transition. This is believed to be because
of a change from intergranular to intragranular frac-
ture. There is a greater propensity for dislocation ac-
tivity at the worn surface of nanocomposites compared

to monolithic alumina, but there is no evidence that
this has the damaging consequences found in mono-
lithic alumina associated with dislocation pile-ups at
grain boundaries. While the nanocomposites exhibit
mild wear over a much larger range of test conditions
compared to monolithic alumina, wear rates in the mild
wear regime may be greater for the nanocomposite.

6. The wear of zirconia ceramics is dominated by the
low thermal conductivity of this material, which results
in substantial flash temperatures, even under mild slid-
ing conditions (e.g., 19 N load at 0.24 m/s can produce
at least 800◦C at the surface, probably much more).
Since transformation of tetragonal to monoclinic zir-
conia is a low temperature mechanism, it is usually
absent in the wear of these materials. The high tem-
peratures promote severe surface deformation, includ-
ing substantial grain shape change by dislocation flow,
giving metal-like deformation structures. Water lubri-
cation does not appreciably change this situation, with
substantial temperature rises still detected, suggesting
the water is excluded from the contacting interface. If
the temperature is maintained low enough for transfor-
mation to occur, the associated microcracking can lead
to enhanced wear rate where significant adhesive forces
are present. As with alumina, substantial dislocation ac-
tivity occurs below abrasive grooves, with transforma-
tion of the tetragonal zirconia to the monoclinic phase
occurring some way below the surface.
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